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ABSTRACT: We here describe a bottom-up approach to control
the composition of solid/solid interfaces in nanostructured
materials, and we test its effectiveness on tetragonal ZrO2, an
inorganic phase of great technological significance. Colloidal
nanocrystals capped with trioctylphosphine oxide (TOPO) or
oleic acid (OA) are deposited, and the organic fraction of the
ligands is selectively etched with O2 plasma. The interfaces in the
resulting all-inorganic colloidal nanocrystal assemblies are either
nearly bare (for OA-capped nanocrystals) or terminated with
phosphate groups (for TOPO-capped nanocrystals) resulting from
the reaction of phosphine oxide groups with plasma species. The
chemical modification of the interfaces has extensive effects on the
thermodynamics and kinetics of the material. Different growth kinetics indicate different rate limiting processes of growth
(surface diffusion for the phosphate-terminated surfaces and dissolution for the “bare” surfaces). Phosphate termination led to a
higher activation energy of growth, and a 3-fold reduction in interfacial energy, and facilitated significantly the conversion of the
tetragonal phase into the monoclinic phase. Films devoid of residual ligands persisted in the tetragonal phase at temperatures as
high as 900 °C for 24 h.

■ INTRODUCTION
Surfaces and interfaces represent an increasingly important
opportunity and challenge. Some of the most exciting recent
discoveries in solid state science involve interfaces (or materials
that are effectively interfaces): e.g., topological insulators,1−3

interface superconductivity,4−7 and graphene.8,9

By increasing the fraction of atoms that are at the boundary
of a crystal, one can leverage and amplify their unique
properties in materials design. As the characteristic length scales
of devices approach the atomic scale, the influence of surfaces
on their properties becomes increasingly dominant: for most
crystals, a radius of curvature of ∼1−2 nm indicates the
threshold at which the majority of the atoms are at the
surface.10,11

Solid/air interfaces have been a subject of intense interest in
the past decades. They control the interaction of the material
with its environment, with exceptional consequences on its
wetting,12−15 catalytic,16−20 optical,21−24 chemical,25,26 tribo-
logical,27,28 and electrical1−7,29 properties.

Solid/solid interfaces within a material (e.g., the grain
boundaries in a polycrystal) are just as important. They can
dominate thermal,30,31 mechanical,32,33 and bulk transport34−36

properties, especially in nanostructured materials. They can
make thermodynamically unstable phases stable,37,38 soft metals
hard,39,40 brittle ceramics ductile,41,42 weak composites tough,43

and metallic conductors insulating.29 Nonetheless, compared to
solid/air interfaces, they are much more difficult to modify,
control, and characterize.
The formation of solid/solid interfaces in a material is usually

a direct consequence of the synthesis and processing,44 after
which they are typically inaccessible for modification. Their
out-of-equilibrium nature makes them exquisitely sensitive to
the exact processing history (e.g., temperature fluctuations
leading to diffusion45), and composition of the material (e.g.,
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trace elements which segregate to the grain boundaries46). Any
processing (e.g., high temperatures) that facilitates the
evolution of the material toward its thermodynamic ground
state tends to compromise the control and design of these
interfaces.47

To circumvent these difficulties, we have been developing a
materials chemistry approach that combines bottom-up
solution-based chemistry with top-down physical processing
to yield materials with controlled nanostructure (cf. Figure 1).

Colloidal nanocrystal synthesis can produce a large number of
functional nanocrystalline phases (oxides,48−55 chalcoge-
nides,56−68 pnictides,69−78 metals79−89) at relatively low
temperatures, with remarkable control over crystal size, shape,
and surface chemistry. The nanoparticles can be deposited as
solids (colloidal nanocrystal assemblies, CNAs90−92) consti-
tuted of inorganic cores separated by the organic ligands. We
have previously shown that the ligands can be completely and
selectively removed from thin films of colloidal nanocrystal
assemblies by plasma processing.93−96 While the accompanying
volume loss is significant (easily above 40%), we also showed
that the structure of the nanoparticle assembly can prevent its
cracking, resulting in all-inorganic solid state films:97 each
nanoparticle building block becomes a grain of the resulting
nanostructured polycrystal.

We here show that, by combining the control of the ligand
shells with the remarkable etch selectivity of O2 plasma for
organics, we can produce all-inorganic solids with monolayer-
level control over their solid/solid interfaces. Inorganic
elements can react with the O2 plasma species, but are not
etched away since they do not form volatile species, and leave
behind a monolayer coating of inorganic phase. Specifically, the
O2 plasma processing of assemblies of nanoparticles of ZrO2
capped with oleic acid or trioctylphosphine oxide results in
ZrO2 films in which the solid/solid interfaces are, respectively,
ZrO2//ZrO2 and ZrO2/phosphate//phosphate/ZrO2. In con-
trast to high temperature processing strategies, the plasma we
use is dilute and at low pressure and is near room temperature:
the processing does not coarsen the particles or damage the
interfaces.
This molecularly designed tuning of the interface composi-

tion results in significant changes in the macroscopic properties
of the material, including grain growth kinetics, phase stability,
surface energy, and mechanical properties. Importantly, we
show that controlling the solid/solid interfaces allows the
stabilization of the tetragonal phase of ZrO2 to an extent
comparable to doping with Y.
There are other approaches that attempt to control interface

composition from the bottom-up. Outer shells can be grown on
the nanoparticles as a post-synthesis process, leading to core−
shell architectures.61,98−103 These shells are usually thick
(several monolayers), they represent a separate phase in the
material, and they can dominate the properties of the core,104

especially when the particle size is <5 nm. The generation of
monolayer/submonolayer shells that are uniformly distributed
on the surface of the core is not trivial100 and is a problem that
must be solved on a case-by-case basis. Another elegant
approach uses inorganic ligands to stabilize nanoparticles:105

after postprocessing, these ligands can form a matrix.106

Homogeneous control of the solid/solid interfaces after
consolidation of the materials is a complex problem.
Techniques like atomic layer deposition (ALD) can deposit/
coat exposed surfaces, thereby filling up the accessible pores.
Uniform coating of the surfaces can become more complicated
when the pore sizes are <5 nm, which is usually the case for
colloidal nanoparticle assemblies. Furthermore, the use of ALD
requires one additional step in the processing, while our
approach combines the ligand removal with the creation of a
designed interface composition.
Most of the above approaches, differently from the one

reported here, create a separate phase rather than a pure
chemical modification of the interfaces within a single phase
material.

■ RESULTS AND DISCUSSION
Nanoparticle Synthesis and Ligand Exchange. We

chose ZrO2 nanoparticles as our starting inorganic core
building block. Zirconia is a highly studied and technologically
important ceramic for its mechanical, thermal, and catalytic
properties and ionic conductivity. It exists in three crystalline
phases: monoclinic, tetragonal, and cubic. The room temper-
ature phase is monoclinic, but tetragonal and cubic phases have
superior mechanical, thermal, and catalytic properties and are
highly sought for high temperature applications. These phases
can be stabilized either by doping107 or by decreasing crystal
size.38,108

We synthesized highly crystalline, t-ZrO2 nanocrystals by an
established colloidal synthetic route.55 Two different ligand

Figure 1. Schematic of bottom-up approach to the control of solid−
solid interfaces in nanostructured materials obtained from colloidal
nanoparticles. Two scenarios (left and right) are shown. On the left is
the case of nanoparticles capped with purely organic ligands. Upon
deposition and plasma processing by O2 plasma, the entirety of the
ligand is etched, leaving behind bare surfaces that, upon consolidation,
will form bare interfaces. On the right is the case of nanoparticles
capped with ligands featuring an inorganic head group. Upon plasma
processing with O2 plasma, the organic tail is removed but the
inorganic head group reacts with the plasma, forming nonvolatile
groups that are located at the particle surface. Consolidation of the
assembly leads to the formation of solids with an engineered solid/
solid interface.
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shells were produced. The as-synthesized nanocrystals are
capped with trioctylphosphine oxide − TOPO (C24H51PO).
The processing by O2 plasma etches the octyl chains, and leaves
behind the phosphorus, attached to the surface of the
nanoparticles. Oleic acid (OA) was chosen as a comparison.
It is an established ligand for nanoparticles, and it is fully
organic: its etching by O2 plasma should yield a bare ZrO2

surface. TOPO was replaced by OA following a simple ligand
replacement protocol. For convenience in comparing data, we
will refer to the particles before ligand exchange with the
shorthand “TOPO”, and to the particles after ligand exchange
with “OA”.

The morphology, size, and crystallinity of the nanoparticles
are not affected by the ligand exchange procedure. Figure 2a
shows the Transmission Electron Microscopy (TEM) charac-
terization of TOPO and OA samples, as well as their size
distribution. While ligand exchange appears to slightly increase
the polydispersity (6% vs 8%), the spherical morphology and
average size are not significantly affected (2.87 ± 0.07 nm vs
2.86 ± 0.09 nm, where the error is the 95% confidence interval
on the average). FT-IR characterization of solid films of TOPO
and OA nanoparticles (cf. Figure 2b) shows what appears to be
a nearly complete removal of the TOPO ligands after ligand
exchange: the absorption peak at 1110 cm−1 can be attributed

Figure 2. Morphological and chemical characterization of the effect of ligand replacement and plasma processing. (a) TEM micrographs of t-ZrO2
nanoparticles before and after ligand exchange with OA. On the right is shown the size distribution statistics as a box plot showing no change in the
average particle size upon ligand exchange. (b) FT-IR characterization of films obtained from nanoparticles before and after ligand exchange with
OA, showing the disappearance of PO groups. (c) Powder XRD characterization of films obtained from nanoparticles before and after ligand
exchange with OA, showing the presence of a single t-ZrO2 phase. Only trace amounts of monoclinic phase might be observed. (d) Compositional
profile of the TOPO and OA samples before and after O2 plasma processing. The plot shows the homogeneous removal of carbon and preservation
of P in the TOPO samples. (e) Raman characterization of TOPO and OA samples before and after O2 plasma processing confirming the removal of
organic fraction of the ligands. (f) XPS characterization of the P 2p3/2 orbital in TOPO samples before and after plasma processing showing
oxidation of phosphine oxide to likely phosphate groups.
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to the PO bond in TOPO molecules and nearly vanishes
after ligand exchange. Figure 2c shows that the crystallinity of
the material is also unaffected: the dominant phase is probably
tetragonal109 before and after ligand exchange, with possible
evidence of trace amounts of monoclinic phase (indicated by
possible peaks at ∼24°, ∼41°, and ∼45°).
The average distance between TOPO-capped particles

calculated from TEM images is ∼0.9 nm, whereas the distance
between particles after ligand exchange with oleic acid is ∼2
nm. Both distances are consistent with TOPO and OA ligand
shells that are fully interdigitated. The complete interdigitation
of ligands deposited from ZrO2 nanoparticles dispersions in
hexane has been explained elsewhere.110

Both TOPO and OA particles were extensively washed with
pure solvent (4 times) to avoid unnecessary amounts of free
ligands. This is an important factor for the success of the
plasma processing since free ligand can reduce the porosity of
the colloidal nanoparticle assemblies, and amplify the
destructive effects of volume loss on the film integrity.
Particle Deposition and Plasma Processing. Films of

TOPO and OA nanoparticles were obtained on Si substrates by
spin-coating from hexane dispersions. The concentration of the
dispersion and the deposition parameters were controlled to
produce 300−400 nm thick films. In both cases, as we
described before,97 this choice of solvent yielded disordered
CNAs which resisted cracking upon ligand removal and
sintering.
Exposure of ZrO2 nanocrystals films to plasma serves two

purposes: (i) the conversion of CNAs (inorganic cores +
organic ligands shells) into all-inorganic solids, and (ii)
“programming” the interface composition of the nanocrystals
by reaction with the inorganic components of the ligand shell.
Plasma processing was conducted in an inductively coupled

plasma chamber at 30 W of power, a pressure of 500 mTorr,
and for 48 h, using ultrapure O2 as feed gas. The effect of this
processing on the chemical makeup of the films was determined
by Ion Beam Analysis (IBA). Modeling of the IBA character-
ization allows for the determination of the concentration of
individual elements across the sample thickness. Figure 2d
shows the concentration of carbon (black scatters) and
phosphorus (green scatters) in units of at. %, as a function of
the equivalent thickness in thin film units (TFU, 1015 atoms/
cm2). The zero value of equivalent thickness in the plot
represents the position of the substrate, but, since IBA does not
obtain signals from voids in the sample, the equivalent
thickness is only a monotonic function of the physical
thickness.
In both the TOPO (black line) and OA (red line) samples,

the homogeneous ∼25 at. % concentration of carbon in the as-
deposited films (filled scatters) is reduced to ∼1 at. % after
plasma processing (empty scatters) throughout the thickness of
the CNA. This loss of ligands is accompanied by a shrinkage of
the CNA perpendicularly to the substrate by 36% and 45% for
TOPO and OA samples, respectively. We have not been able so
far to reduce the concentration of carbon much below this
value under any processing conditions or times, which leads us
to postulate that this residual carbon can be attributed to
adventitious contamination111 that occurs between the plasma
processing and the IBA characterization: a 1% volume fraction
accounts for much less than a monolayer coverage of the CNA
surfaces and some contamination is plausible, especially
considering the expectedly high surface energies of these
surfaces (γ = 1.02 J/m2). The decrease in the carbon

concentration was supported by Raman scattering (cf. Figure
2e), which shows the disappearance of the main C-H band at
2800−3000 cm−1 after plasma processing.
The phosphorus concentration in the TOPO samples

remains homogeneous throughout the thickness of the film
after plasma processing (cf. Figure 2d), indicating that
phosphorus species have not been displaced over hundreds of
nanometers. The overall amount of phosphorus is largely
unaffected (2.279 × 1016 atoms/cm2 before plasma vs 2.184 ×
1016 atoms/cm2 after plasma), but its chemical state is
significantly modified, as shown by X-ray photoelectron
spectroscopy (XPS) in Figure 2f. The P 2p3/2 peak at 132.5
eV in the TOPO CNAs before plasma processing is comparable
to the peak position of Ph3PO

112 (132.5 ± 0.2 eV from the
NIST XPS Database: the value is the average over all entries in
the database). Plasma processing causes the peak to shift
significantly to higher binding energies (∼133.9 eV), consistent
with the oxidation expected in an O2 plasma environment. The
peak position is consistent with a complete oxidation of the
phosphine oxide group to phosphate (133.4 ± 0.5 eV for
zirconium hydrogen phosphate Zr(HPO4)2 according to the
NIST XPS Database: again, the value is averaged over the
multiple entries in the database).112

Comparisons of the Zr 3d core-line of the TOPO and OA
CNAs after plasma processing (see the Supporting Informa-
tion) are consistent with the above attributions. The binding
energies of the TOPO samples are 0.5 eV higher than that in
the OA sample (182.9 eV vs 182.4 eV), consistently with the
trend observed in the literature (183.9 ± 0.9 eV for Zr(HPO4)2
vs 183.1 ± 0.7 eV for ZrO2). The full width at half-maximum
(fwhm) of the XPS peaks for oxides like ZrO2 is influenced by
the metal−oxygen bond length or the metal−oxygen
coordination number.113 The fwhm of the Zr 3d5/2 peak in
TOPO samples is ∼0.2 eV narrower than that in the OA
samples, consistently with the difference reported between
Zr(HPO4)2 and yttria-stabilized zirconia (YSZ).113

Combining the complete and extremely accurate elemental
analysis provided by IBA characterization, the knowledge of the
particle sizes, the identity of the phases, and the film thickness
allows, with few assumptions, the determination of the volume
fractions of all phases in the CNA. The results of this analysis
(detailed in the Supporting Information) for the TOPO and
OA samples, before and after plasma processing, are listed in
Table 1 and provide important information about the structure
of the films and how it is affected by plasma processing. The
bottom two rows provide binned volume fractions of the solid

Table 1. Volume Fractions of Different Phases in the
Different Types of Colloidal Nanoparticle Assemblies,
before and after O2 Plasma Processing

TOPO before
plasma

TOPO after
plasma

OA before
plasma

OA after
plasma

ZrO2 0.26 0.43 0.21 0.44
ligands 0.45 0.00 0.52 0.00
phosphate 0.00 0.15 0.00 0.05
chloride 0.02 0.03 0.01 0.03
adventitious C 0.03 0.02 0.00 0.03
H2O 0.10 0.35 0.09 0.40
pores 0.13 0.00 0.18 0.00
adventitious C +
H2O + air

0.26 0.37 0.27 0.43

filling fraction 0.74 0.63 0.73 0.57
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(i.e., the filling fraction) and of everything else (i.e., adsorbed
water, contaminants, and pore space).
The assumptions used to obtain the numbers in Table 1 are

the following: (i) the particles are spherical; (ii) the phases
(e.g., ZrO2) are stoichiometric; (iii) the density of the phases is
the same as in their bulk state; (iv) any O atom that could not
be attributed to the ZrO2 or to the ligands/phosphate was
attributed to physisorbed H2O and, to the degree that it was
possible, to hydroxils on the surface of the particles; and (v) all
Cl (trace amounts originating from the Zr precursor used in the
synthesis) was attributed to Cl− groups coordinating surface
Zr, and (vi) all P in the plasma-processed samples was assumed
to be bound TOPO/phosphate in light of the data in Figure 2f.
The filling fraction of the CNA before plasma processing

(0.73−0.74) is very close to the value expected from an fcc
packing. Nonetheless, the films produced in these conditions
are disordered.97 The discrepancy can be understood by
realizing the 74% filling fraction for fcc packing is true for hard
spheres. Before plasma processing, the particles are coated with
a ligand shell that is soft and can fill space more effectively. In
line with this interpretation, the filling fraction after plasma
processing (63% and 57% for TOPO and OA samples,
respectively) is consistent with a disordered array and our
previous reports.97 The lower filling fraction in the OA samples
is consistent with the longer length of the OA ligands (and the

resulting larger separation between the particles in the plane of
the film), leading to a more open packing.
The volume fraction of ligands before plasma processing is

very large (45% and 52% for TOPO and OA, respectively), but
corresponds to a reasonable ligand coverage (20% and 31% of
the available binding sites, for TOPO and OA, respectively).
After plasma processing, the footprint associated with P triples:
the PO bond turns into a phosphate PO4

3−, yielding a
surface coverage of ∼60%. Once two opposing surfaces face
each other upon ligand etching, the phosphate layers are
expected to form a nearly continuous monolayer.
The volume fraction of H2O in the ligand-free samples is

remarkably large and precisely the amount needed to
completely fill the pores. While we do not have analytical
information about the size of the pores, simple geometric
arguments indicate that they should be, on average, on the
order of 2 nm or less. In normal humidity conditions, capillary
condensation of water would occur in such micropores. While
the amount of water might seem implausible at first glance, it
corresponds to a 0.36−0.39 nm layer of water on each
nanoparticle, which is approximately 1 monolayer (∼0.31 nm
for a H2O molecule lying flat). Characterization of the plasma
processed films by FT-IR supports these findings regarding
water and suggests that the observed residual carbon is indeed
adventitious carbon in the form of carbonate groups
(specifically, bidentate bicarbonate b-HCO3

− and polydentate

Figure 3. Impact of interface composition on grain growth kinetics. (a) Plots of grain size as a function of time and temperature for TOPO (left) and
OA (right) samples. The lines are fits obtained from an Ostwald ripening model. (b) Arrhenius plot for TOPO and OA samples obtained from rate
constants obtained from the fits in panel (a). (c) Plot of the relation between porosity on diameter (left) and sintering temperature (right) for both
the TOPO and OA samples. The curves show fits of the data to a power law expected for pore coalescence-driven growth. (d) Coarsening at various
temperatures. The graph compares our TOPO and OA samples for two or more hours, with YSZ and t-ZrO2 samples previously reported.

128 In all
the above panels, shaded areas behind data points identify the 95% confidence interval on the average value.
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carbonate p-CO3
2−) that could result from the reaction of CO2

with exposed ZrO2 surfaces (cf. Figure S2).
The observation of water in IBA characterization (which is

conducted in high vacuum) suggests that this physisorbed
water is very strongly bound to the surface and might persist in
atmospheric pressure conditions at high temperatures. An order
of magnitude estimate of the thermodynamic driving force to
desorption shows that the ΔG of evaporation of water at 900
°C should be approximately −155 kJ/mol. On the other hand,
if the adsorbed water is capable of decreasing surface energy
even by 0.01 J/m2, the ΔG opposing desorption would be still 3
orders of magnitude larger (580 MJ/mol).
The amount of water that we extrapolate from the data from

the samples before plasma processing (10% and 9%,
respectively, for the TOPO and OA samples) is also
noteworthy. This result is consistent with our previous
characterizations96 and with other reports:114 nevertheless,
the apparently ubiquitous presence of water in ligand shells of
CNAs, most likely located at the core’s surface where the polar
groups of the ligands are found, is not quite widely recognized.
Interestingly, the data show that phosphorus is also observed

in the OA samples, indicating that, in spite of the FT-IR results
in Figure 2b that suggest nearly complete removal of the
TOPO ligands, a small amount of TOPO is still bound to the
particles.
To summarize this section, particles capped with TOPO and

OA lead to remarkably similar CNAs, from which the organic
elements of the ligands can be effectively removed by O2
plasma processing. Trace amounts of inorganic compounds
(e.g., the P in the ligands) are preserved and control the
interfaces in between the crystalline cores in the CNA.
Specifically, the TOPO-capped particles become capped by a
phosphate-like shell. The CNAs after ligand removal are
saturated with water, consistent with the increased pore space,
the increased surface energy, and the small pore size (∼2 nm or
less).
Growth Kinetics and Thermal Stabilization. Zirconium

oxide is a high temperature ceramic widely used as a thermal
barrier coating in gas turbines and jet engines due to its low
thermal conductivity and as solid electrolyte in solid oxide fuel
cells and as oxygen sensors due to its excellent oxygen ion
conduction.
To stabilize ZrO2 at high temperatures and prevent its phase

transition to the monoclinic phase, the tetragonal phase is
stabilized at room temperature by doping (e.g., with Y).
Another approach to stabilization involves the reduction in size
of the crystals in order to increase the surface area. The
tetragonal phase has a significantly lower surface energy (1.02
J/m2) than the monoclinic phase (1.52 J/m2): as the crystal size
decreases, the surface area per unit volume increases, leading to
a relative stabilization of the tetragonal phase with respect to
the monoclinic phase. Using basic thermodynamics and the
tabulated thermochemical values for ZrO2, it is possible to
calculate that, at room temperature, ZrO2 crystals smaller than
8.8 nm will be thermodynamically stable in the tetragonal phase
(see the Supporting Information). The challenge of stabilizing
ZrO2 by size is to reduce crystal growth kinetics so that the high
area of the interfaces is preserved throughout the operation of
the material.
To understand the effect of the surface modification on the

growth kinetics, we sintered plasma processed TOPO and OA
samples and monitor the grain size as a function of time and
temperature (Figure 3a). The particle sizes were determined by

Scherrer analysis of the XRD spectrum, fitting the most intense
and isolated reflection in the spectrum ((111) reflection at
30.2°) with a Gaussian curve (R2 ranged between 0.98 and
0.99). The fwhm of the peak was then used as the measure of
peak breadth. We assumed the particles to be spherical and
used the appropriate Scherrer constant (K = 0.829).115 The
obtained crystallite size was further corrected to account for the
spherical shape of the crystals, as described previously.116 The
average error in the average size determination (i.e., 95%
confidence interval, delimited by shaded areas in Figure 3a) was
7% but was slightly higher for the smallest and largest particles
due to the decreased accuracy of the fit.
The growth curves show a phenomenologically common

trend with a rather steep increase in particle size in the first
hour of sintering, followed by a quite sudden plateau.
Qualitatively, the curves suggest that TOPO samples exhibit a
rather slower growth, overall, whereas, on the other hand, they
display a slightly faster growth at long sintering times. The data
was quite accurately described (R2 = 0.99 and 0.98 for TOPO
and OA data sets, respectively) by an Ostwald ripening growth
model117−122 of the form D(t) = D(t = 0) + kt1/n, where D is
the diameter of the particles, k is the rate constant that should
display an Arrhenius dependence on temperature, and n is the
growth exponent that depends on the rate limiting process of
growth (n = 2 indicates control by diffusion of ions at the
matrix/particle interface, n = 3 indicates control by volume
diffusion through the matrix, and n = 4 indicates control by
dissolution kinetics117).
The model describes the experimental data significantly

better than other models we used (e.g., growth models with
variable exponents,123 models accounting for impeded
growth,124 and models considering nonclassical crystallization
processes117), and has fewer fitting parameters than most.
The fit of the growth kinetic curves was performed by

constraining n to be dependent only on the surface chemistry of
the particles. The samples exhibited a growth parameter of 2.28
± 0.27 for TOPO samples, and 3.8 ± 1.2 for OA samples (in
both cases, the error is the 95% confidence interval). According
to the standard interpretation of the Ostwald ripening
model,117 these significantly different exponents would indicate
that the rate limiting process in TOPO samples is diffusion of
ions on the particle surface, whereas, in OA samples, it is the
rate at which surface atoms become mobile. Both of these
interpretations would be consistent with the presence of a
phosphate layer in the TOPO samples that could hinder surface
diffusion. On the other hand, caution in the interpretation is
imperative for the following reasons: (i) Ostwald ripening is
better suited and was originally formulated to describe ripening
of particles in dilute solutions,125 as the description by mean
field theory of high filling fractions is analytically intractable and
diffusion in highly confined systems is often anomalous; (ii) the
molar excess Gibbs free energy of the surface changes
significantly with size at these particle sizes and is expected to
affect activation energies of growth. Nonetheless, the rate
constants do follow an Arrhenius dependence on temperature
(cf. Figure 3b). Qualitatively, the data suggest that the
activation energy for growth of the TOPO samples is
significantly larger than that for the OA samples. The fit yields
activation energies that are significantly different from each
other (111 ± 13 kJ/mol for TOPO and 48 ± 26 kJ/mol for
OA), much smaller than commonly reported values for
microcrystalline ZrO2 (289−340 kJ/mol),126,127 but closer to
the values reported on nanocrystalline ZrO2 (188−226 kJ/
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mol).124 While these works reported nanocrystalline doped
ZrO2, the average sizes of their nanocrystals were >20 nm,
whereas all our nanocrystals are approximately 1 order of
magnitude smaller. It is understood that grain growth activation
energies should decrease with decreasing grain size.124

The more rapid growth rate in OA samples is manifested in a
different dependence of the porosity on the grain size and the
sintering temperature (cf. Figure 3cthe data shown are for
sintering times of 24 h). The porosity was estimated by
assuming that the density of the solid phases in the CNAs
remains constant, that the CNAs do not crack, and that none of
the solid phases evaporate during sintering. Under such
assumptions, the porosity of the films could be calculated
from the knowledge of the porosity of the plasma processed
films, and the shrinkage of the CNAs in the vertical direction.
The dependence of porosity on grain size is significantly

different for the TOPO and OA samples (Figure 3c, left panel).
The left panel of Figure 3c shows the change in porosity as a
function of the diameter of the grains normalized against the
initial grain size. Qualitatively, the two different interfaces lead
to significantly different behaviors. In both cases, the porosity
drops very significantly before any significant grain growth
occurs. Interestingly, the consolidation occurring before grain
growth is nearly the same for both types of samples (17% for
OA and 16% for TOPO). This initial consolidation might be
due, at least in part, to the desorption of adventitious
contaminants (e.g., carbonates and water). After the initial
drop, the two types of samples behave remarkably differently.
The TOPO samples show a power law dependence (R2 = 0.96
vs 0.86 for an exponential fit) on grain size of the form P ∝
D−α, where P is the pore fraction and α is the exponent. This
dependence is commonly observed in the consolidation of
ceramics and is often attributed to pore-mediated growth.123

Nonetheless, the exponent has an unusually large value of 0.45
± 0.03 (as compared to the more commonly observed values of
0.2−0.3). The OA sample instead shows what could be an
exponential decrease in porosity with grain size (R2 = 0.998 vs
0.96 for a power law fit) with an exponent of −0.305 ± 0.007.
This trend suggests that the process of consolidation (just like
the growth mechanism, as discussed above) in the two types of
samples is mechanistically different.
The remarkable reduction in growth kinetics obtained by

controlling the interface chemistry of the particles resulted in a
growth stabilization of the t-ZrO2 phase that is comparable to
that obtained by doping. Figure 3d shows the normalized grain
size as a function of the sintering temperature for different
types of nanocrystalline samples. The blue empty triangles
show data from nanoparticles of Y-stabilized ZrO2 (D = 3.7
nm) and their growth after 1 h of exposure to different sintering
temperatures.128 The black squares and red circles show,
respectively, the data from the TOPO and OA samples after 2 h
of exposure to the same range of temperatures. The OA
samples show some initial grain growth at a temperature of 500
°C, whereas the TOPO samples remain essentially unchanged
until 700 °C. Even though our samples had been sintered for an
extra hour, the grain growth observed in our TOPO samples is
significantly smaller than that shown by YSZ nanoparticles.
Goto et al. also looked at the grain growth of t-ZrO2 particles
synthesized by a reaction analogous to the one used here but
using oleylamine as a ligand rather than TOPO.128 The particle
size they obtain was similar. The grain growth of those particles
as a function of sintering temperature is shown in Figure 3d in
the open orange triangles. The faster growth, especially

compared to our OA samples (whose surface should be
comparably similar), is striking. We speculate that the increased
growth rate resulted from the sintering of the samples prior to
the removal of the ligands. As will be shown in a separate
publication, the calcination of nanostructured materials in O2
atmospheres does not come close to removing the carbon,
which instead is left behind as amorphous carbon.129 It is
conceivable that the carbon matrix formed by the carbonization
of the ligands could facilitate the growth of the nanoparticles.
The remarkable effect of such a minute change of the grain

boundary composition on the growth kinetics is further
accompanied by a very significant effect on the stabilization
of the tetragonal phase. Figure 4a,b shows the Raman scattering
from the CNAs of TOPO and OA samples at different stages of
their processing and different sintering temperatures. For
convenience, we have marked the frequencies of the vibrational
modes of the tetragonal and monoclinic phases of ZrO2 with
green and blue vertical lines, respectively. The plots show quite
clearly that the monoclinic phase appears in TOPO samples
certainly when exposed to 900 °C (and maybe even at 800 °C).
On the other hand, the OA samples show no obvious evidence
of monoclinic phase at any temperature we tested. The
difference in phase stabilization is noticeable even in the XRD
characterization, at least in the samples sintered at 900 °C for
48 h (cf. Figure 4c): the TOPO samples show clear evidence of
peaks at 28.2° and 31.5°, which are indicative of the monoclinic
phase. The difference in thermal stability is not easily
attributable to anything other than grain boundary composi-
tion. As previously discussed, the major factor in controlling the
relative thermodynamic stability of the two phases is the surface
area per unit volume and the molar surface energy. The surface
area is expected to be similar since the average particle size for
the samples sintered at 900 °C for 48 h was 21.10 ± 1.81 nm
and 23.29 ± 0.61 nm for the TOPO and OA samples,
respectively. The error indicates the 95% confidence interval on
the value of the average size, but we expect that the
polydispersity to be at least as large as the one found in the
starting nanoparticles (6% and 8% or 1.3 and 1.9 nm).
Therefore, the size distributions overlap very significantly.
In summary, while the phosphate groups at the grain

boundary appear to significantly slow down grain growth, they
might facilitate the phase transition to the monoclinic phase. (It
is important to notice that all the sintered samples that showed
t-ZrO2 grain sizes larger than 10 nm are most likely not
thermodynamically stable at room temperature and therefore
that the stabilization of the tetragonal phase in those samples is
most likely due to kinetic factors rather than thermodynamic,
e.g., surface energy.)

Interfacial Energies and Mechanical Properties. The
slower growth kinetics in TOPO samples can be hypothesized
to originate from a decrease in the interfacial energy (γ = 1.02
J/m2 for t-ZrO2 and ranges between 0.15 and 0.35 J/m2 for
reported phosphates), as well as by a reduction on grain
boundary mobility caused by the phosphate groups. We
therefore used nanoindentation to measure the Young’s
modulus and hardness of the CNA before and after sintering.
The mechanical properties in polycrystalline ceramics as well as
granular materials are heavily influenced by the composition of
the grain boundary.
The modulus of the films, corrected for the influence of the

substrate,130 was found to be strongly dependent on the
sintering temperatures. Our previous work96 has shown that the
modulus of ligand-capped as well as ligand-free CNAs can be
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quantitatively predicted by the granular model by Kendall et
al.131 that accounts for the effects of porosity φ, grain size D,
bulk modulus Eb, and interface energy Γ according to the
following equation

φ=
Γ⎡

⎣⎢
⎤
⎦⎥E

E
D

17.1 4 b
2 1/3

To understand whether the same model could be applied in
sintered CNAs, we plotted the experimental moduli against

ζ = φ
D

4

1/3 . If the model is valid, assuming that the interfacial

energy is independent of temperature, the plot of E(ζ) (cf.
Figure 5a) should be describable by a straight line through the
origin E(ζ) = β·ζ, whose slope β is equal to 17.1Eb

2/3Γ1/3. The
linear fit is adequate (R2 = 0.98 and 0.99), especially
considering the associated experimental errors. The fit is
especially good for the OA samples, which is interesting and
unexpected. The data originate from samples that have
undergone, especially at high temperature, significant grain
growth. It is not intuitive to describe the material as a granular
system. On the other hand, the mechanical properties were
determined by substrate-corrected indentation, using a
Berkovich indenter. It is assumed that, in these conditions,
the deformation of the material is plastic. It is conceivable that,
in these conditions, the grains in the polycrystal could still be
described as grains in a granular system. What is further
surprising is the extent of agreement with the model,
considering that it was developed under the assumption of
spherical grains.
From the slope, we can calculate the values of interfacial

energy (and therefore the values of surface energy assuming
that Γ = 2·γ, which is fair since we are dealing with a
homogeneous unary system), if we assume that the bulk energy
is constant throughout the data set. This assumption is valid for
all samples sintered at temperatures lower than 900 °C, and
even for those sintered at 900 °C, the conversion of the TOPO
samples to monoclinic is small. The values of surface energy are
0.04 ± 0.01 and 0.11 ± 0.02 J/m2 for the TOPO and OA
samples, respectively. These values are not consistent with the
expected surface energies of the bare solid phases (0.1−0.3 J/
m2 for phosphates and 1.02 J/m2 for t-ZrO2), but they are
consistent with the presence of water in between the grains due
to adsorption from the atmosphere and capillary condensation,
as already observed by Kendall.131

Using the fitted values of surface energy from Figure 5a, the
modulus data as a function of temperature for both TOPO and
OA samples can be qualitatively reproduced by the Kendall
model (Figure 5b). Using the same assumptions used in our
previous work,96 the model allows us to also predict the
modulus of the as-deposited (data shown for comparison in
Figure 5b at T = 0 °C) and plasma treated samples (data
shown, for comparison in Figure 5b at T = 25 °C). In summary,
these assumptions are that the bulk modulus and surface energy
of the unprocessed CNA should be equal to that of the ligands.
The modulus of the TOPO samples before sintering is 53

GPa, which is similar to the values we previously reported for
similar samples96 (45 GPa), whereas, for OA samples, the
modulus is significantly smaller at 35 GPa. According to the
model, the difference in modulus is accounted for by the higher
porosity of the plasma processed OA samples, which we
discussed before. Due to their higher growth rate, the porosity
of the OA samples decreases faster than that of the TOPO
samples and they become similar at high sintering temper-
atures, resulting in similar maximum moduli (the difference in
surface energy between OA and TOPO samples is a minor
influence compared to the differences in porosity: according to
Kendall’s model, the modulus scales with the fourth power of
the porosity but only as the cube root of the surface energy).
The data in Figure 5b show that the maximum modulus

achieved (92 ± 9 and 91 ± 5 GPa for TOPO and OA samples)

Figure 4. Thermal stability of the tetragonal phase as affected by
interface composition. Raman scattering of TOPO (a) and OA (b)
films before and after plasma processing and after sintering at different
temperatures for 24 h. (c) XRD characterization of TOPO and OA
films sintered at 900 °C for 48 h showing the appearance (in the case
of TOPO samples) or lack thereof (in the case of OA samples) of the
monoclinic phase. The curves show Gaussian fits of the diffraction
peaks.
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is nearly half of the single crystal bulk modulus of 200 GPa and
occurs at the intermediate sintering temperature of 700 °C. The
drop in modulus at higher sintering temperatures for TOPO
samples results from the growth in grain size outweighing the
rather small decrease in porosity, thereby creating a maximum.
In the case of OA samples, the discrepancy at high sintering
temperatures could very well be a result of the error in the
determination of porosity: at such small porosities (<10%), a
1% error leads to a very significant change in the predicted
modulus. Another possibility for the discrepancies at high
temperatures could be that the Kendall model fails to describe
the system: the high modulus data are the ones that show the
greatest discrepancy from the model in Figure 5a.
The hardness of the CNAs is also significantly improved by

sintering. The plasma-processed TOPO samples show a
hardness of 1.92 GPa, which is consistent with the value
reported in our previous work for similar samples (2.2 GPa).
Sintering causes the hardness to increase up to 6.36 GPa at 700
°C and then decrease at higher temperatures. This hardness is
quite remarkable as it is 64% of the single crystal hardness (10
GPa). The OA samples instead show a significantly smaller
hardness throughout the sintering range, in spite of similar
porosity at high sintering temperatures (Figure 5c). The
hardness of the OA samples is lower at low temperatures
because the porosity is higher (30−40% instead of 20−30% for
TOPO) and, maybe, because the particles are slightly bigger.
Furthermore, the phosphate termination of the interfaces in the
TOPO samples could be contributing to the hardening of the
material. At the highest temperatures, the hardness of the OA
samples catches up to that of the TOPO samples because the
TOPO sample’s hardness decreases (mostly due, in our
opinion, to the increasing monoclinic fraction) while the OA
samples keep increasing (these samples do not convert to the
monoclinic phase and have, at those temperatures, similar
porosity).
It is important to try and detangle the role of particle size,

porosity, and surface chemistry on the hardness of these
nanocrystalline ceramics. While it might appear difficult to do
so for a sintering series like this in which all parameters are
dependent on each other, an analysis of the individual
dependencies is possible and instructive. The dependence of
hardness on porosity for TOPO and OA sintered samples is
shown in Figure 5d. At higher porosities, the samples follow
what appears to be a linear increase in hardness with decreasing
porosity. The slope is similar for both the TOPO and OA
samples (−13.7 ± 2.1 vs 12.3 ± 0.5 GPa). The intercepts are,
nonetheless, significantly different (8.1 ± 0.4 vs 6.7 ± 0.1 GPa),
indicating that, for equal porosity, the TOPO samples are
harder than the OA samples (strongly suggestive of the role of
interfacial composition on hardening of the material). At low
porosities (i.e., high sintering temperatures), the TOPO
samples show a decrease in hardness with a decrease in
porosity, which could be explained by a particle size
dependence of hardness (which is though not observed in
the OA series) or more simply by the formation of a softer
monoclinic phase which is peculiar to TOPO samples and
indeed start forming at the temperatures at which the hardness
starts decreasing.
As shown in Figure 5d, the dependence of hardness on grain

size is also strikingly different for the two types of interfaces. In
the case of OA samples, the increase in the hardness with
increasing grain size can be entirely ascribed to the decrease in
porosity as the grain size increases. In the case of TOPO

Figure 5. Influence of interface composition on mechanical properties.
(a) Dependency of experimentally determined modulus of TOPO
(left) and OA (right) samples on the ζ parameter. The linear
dependence indicates the compatibility of the data with Kendall’s
granular model. (b) Experimental moduls (square scatters) for TOPO
(left) and OA (right) samples as a function of the sintering
temperature. The open scatters indicate the prediction of the Kendall
model based on the interfacial energies determined from the slopes in
panel (a). (c) Hardness as a function of sintering temperature for
TOPO (left) and OA (right) samples. (d) Hardness as a function of
porosity (left) and grain size (right) for TOPO (black squares) and
OA (red circles) samples. In all the above panels, shaded areas behind
data points identify the 95% confidence interval on the average value.
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samples, the increase in hardness with particle size is reversed
above 5 nm and could be ascribed in part to the development
of the monoclinic phase.

■ CONCLUSIONS

In this work, we have described a methodology to create
nanostructured, all-inorganic materials with a selective control
of the composition of the solid/solid interfaces inside them.
The approach takes colloidal nanocrystals capped with ligands,
deposits them as a solid composed of inorganic cores and
ligands, and then uses plasma processing to selectively react
with the ligands. We demonstrate here that this materials
synthesis approach allows controlling the composition of the
interfaces by controlling the composition of the ligand shell.
Specifically, using ligands containing inorganic elements and
using feed gases that do not produce volatile compounds by
reacting with those elements (e.g., O2 plasma on P-containing
ligands), leaves behind groups (e.g., phosphate) that modify the
chemical composition of the surfaces the ligands were bound
to. The advantage of this approach is that, by controlling the
composition and structure of the ligand, or by using mixtures of
ligands, one could envision developing sophisticated control of
the solid/solid interface compositions inside ligand-free nano-
crystal superlattices, with potentially important effects on
mechanical, transport, magnetic, and optical properties.
This work focused on t-ZrO2 nanoparticles capped with oleic

acid and trioctylphosphine oxide. The particles were deposited
as films, and the organic components of their ligands were
removed by plasma etching. Analysis of these materials and of
their properties led us to the following conclusions.
The O2 plasma processing of TOPO ligands leads to the

formation of phosphate groups. The low temperature of the
processing (∼40−50 °C) and the characterization of the
material by IBA suggest that the phosphorus species are not
displaced. OA ligands instead left no trace on the nanoparticles
that could not be attributed to adventitious contamination.
The plasma-processed, ligand-f ree f ilms are porous and

entirely f illed with water. The small size of the pores in the
material (<2 nm) is consistent with extensive capillary
condensation in common relative humidities. Due to the
large surface area and small pore size, the large amount of water
is consistent with the deposition of a single monolayer of water
on the particle surfaces.
The dif ferent interface compositions of the materials lead to

changes in the grain growth kinetics at high temperature, phase
stabilization, and mechanical properties. Specifically, the
growth kinetics of the samples could be described by an
Ostwald ripening model. The growth exponents were
significantly different for the two interface chemistries and
indicative of different rate limiting processes of growth. The
activation energies were also found to be significantly different,
with phosphate-coated surfaces showing a higher activation
energy of growth. All activation energies were found to be
substantially smaller than previously reported for similar phases
with larger grain size, suggesting a strong dependence of grain
growth activation energies for grain size below 10 nm. The
increased activation energy for growth associated with the
interfacial phosphates made the samples significantly more
thermally stable than state-of-the-art nanostructured YSZ (with
no detectable coarsening at temperatures as high as 600 °C).
The phase transformation from tetragonal phase to the
monoclinic phase was also affected by the interface composition

with phosphate interfaces seemingly facilitating the conversion
to monoclinic phase.
The modulus of the f ilms could be described in all cases with

a granular model. The surface energies extracted from the
model indicate that interfacial phosphate significantly reduces
the interfacial energy, consistent with the slower grain growth
kinetics.
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